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a b s t r a c t

Microstructural modifications induced by welding of 316 stainless steels and their effect on creep prop-
erties and relaxation crack propagation were examined. Cumulative strain due to multi-pass welding
hardens the materials by increasing the dislocation density. Creep tests were conducted on three plates
from different grades of 316 steel at 600 �C, with various carbon and nitrogen contents. These plates were
tested both in the annealed condition and after warm rolling, which introduced pre-strain. It was found
that the creep strain rate and ductility after warm rolling was reduced compared with the annealed con-
dition. Moreover, all steels exhibited intergranular crack propagation during relaxation tests on Compact
Tension specimens in the pre-strained state, but not in the annealed state. These results confirmed that
the reheat cracking risk increases with both residual stress triaxiality and pre-strain. On the contrary,
high solute content and strain-induced carbide precipitation, which are thought to increase reheat crack-
ing risk of stabilised austenitic stainless steels did not appear as key parameters in reheat cracking of 316
stainless steels.

� 2010 Elsevier B.V. All rights reserved.
0. Introduction

Intergranular cracking can occur in heat-affected zones (HAZ) of
austenitic stainless steel welded joints when reheated in the tem-
perature range from 500 to 700 �C. In this temperature range,
residual stresses due to welding relax by creep flow but the HAZ
may not sustain this small strain if its microstructure has been
too severely altered during welding. This type of cracking, called
reheat cracking, was originally identified in the 1950s on Nb-stabi-
lised austenitic stainless steel AISI 347 [1,2]. Younger et al. [3,4]
showed that primary carbides can be dissolved during welding
and may precipitate during service around 600 �C as fine intragran-
ular secondary carbides, which nucleate at dislocations that are
introduced by the welding process. This secondary precipitation
was found to cause a substantial increase in hardness. It was thus
suggested that the low ductility intergranular failures that occur in
HAZ material at 600 �C, are caused by strain-induced precipitation
hardening. As unstabilised austenitic stainless steels do not pres-
ent primary carbides, they are less sensitive to reheat cracking
[5], but recent occurrence of reheat cracking in 316H thick weld-
ments [6–8] proved that they are not immune.
ll rights reserved.
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Following reheat cracking of AISI 321-welded components [9],
Chabaud-Reytier et al. [10] studied the sensitivity of AISI 321 to re-
heat cracking. They first obtained simulated weld-affected zones
by pre-straining and pre-ageing the material, then they measured
their creep resistance and estimated their reheat-cracking sensitiv-
ity using a relaxation crack propagation test on Compact Tension
(CT) specimens. Strain-induced precipitation caused by pre-ageing
hardened the material at room temperature (as investigated with
hardness measurements) but softened the material at 600 �C (i.e.
their creep rate increased for a given stress). Moreover, reheat-
cracking sensitivity was found to increase with increasing level
of pre-strain and to decrease with level of pre-ageing. The authors
attributed therefore the low ductility of the HAZ to intragranular
hardening due to solute atoms–dislocations interactions rather
than to dislocation–precipitate interactions. Such a mechanism is
consistent with the reheat-cracking sensitivity of unstabilised
stainless steels with a high solute content such as AISI 316H or
316L(N). It also suggests that AISI 316L would be less prone to
cracking.

Recent work on reheat cracking of unstabilised austenitic stain-
less steels [11–17] mostly focused on the influence of stress triax-
iality on intergranular damage and on the influence of pre-strain
on creep ductility. However, these studies did not mention the role
of solute atoms in the cracking mechanism. Three plates of AISI 316
stainless steels, containing different amounts of carbon and nitro-
gen (316H, 316L(N) and 316L) were therefore examined in the
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present study. The objectives of this study were threefold: (i)
estimation of the level of pre-strain in weld-affected zones, (ii)
obtaining pre-strained materials representative of the most critical
weld-affected zone, (iii) characterisation of these materials by both
uniaxial creep testing on tensile specimens and relaxation testing
on pre-cracked CT specimens.
1. Materials

The chemical composition of the three studied AISI 316 steels is
reported in Table 1. The AISI 316H steel was received from British
Energy. It was extracted from a 63-mm-thick reheat-cracked com-
ponent after approximately 50,000 h at 500 �C [18]. Both parts
including welds and parts away from welds were cut in order to
examine reheat cracks, weld-affected zone, and base metal.
316L(N) and 316L were bought in the annealed state. In order to
get unaged reference materials, a piece of the 316H base metal
was annealed for 1 h at 1170 �C and argon gas cooled (�200 �C/
min). Preliminary analysis revealed that the microstructure of the
316L(N) steel was not uniform. Therefore, it was annealed for half
an hour at 1170 �C and argon gas cooled. The mean grain size after
annealing treatments was 150 lm, 60 lm and 75 lm for 316H,
316L(N) and 316L, respectively. Half of the annealed plates were
then warm-rolled between 400 �C and 600 �C to reduce their thick-
ness by 15 ± 0.4% for 316L(N) and 316H and by 17.5 ± 0.4% for
316L. This temperature range and these values of thickness reduc-
tion ratio were chosen in order to reproduce the microstructure of
the hardest area of the strain-affected zone of observed welds and
to obtain similar hardness for all three pre-strained steels (see
Section 3.2). Annealed and pre-strained materials were then
subjected to mechanical testing described in Section 4.
2. Experimental procedures

The cylindrical smooth bars used for tensile and constant load
creep tests on 316L and 316L(N) were cut perpendicularly to the
rolling direction, those used for tests on 316H were cut parallel
to the rolling direction. The gauge diameter was 4 mm and the
gauge length was 20 mm. A capacitive transducer linked to the
top and bottom ends of the specimens was used to measure strain
during creep tests, whereas the load line displacement was used
for tensile tests. The test temperature, controlled by three thermo-
couples attached to the specimen, was 600 ± 3 �C. Fracture elonga-
tion was determined from the last recorded point of the creep and
tensile curves. Potential plastic elongation during creep test load-
ing was included in the fracture elongation. Reduction of area at
fracture was derived from laser diameter measurements made
both before and after the tests.

CT specimens used for relaxation tests were 10 mm thick (side-
grooved to 8 mm) and 40 mm wide. Concerning 316L and 316L(N),
the load was applied transversally to the rolling direction, and the
crack propagated along the rolling direction, whereas for 316H
specimens, the load was applied along the rolling direction, and
the crack propagated transversally to the rolling direction. The
specimens were fatigue pre-cracked at room temperature up to
a0/W = 0.50 ± 0.01 (with a0 the length of the pre-crack and W the
distance between load line and rear side of the specimen). The
Table 1
Chemical composition (weight %) of the three studied AISI 316 stainless steels (bal. Fe).

Material C N Cr Ni Mo Mn

316L(N) 0.026 0.069 17.3 12.1 2.54 1.74
316H 0.05 0.033 17.1 12 2.32 1.48
316L 0.033 0.025 16.4 13.6 2.12 1.55
opening displacement was monitored through a capacitive trans-
ducer with an accuracy of 0.5 lm. For all tests, the transducer
was attached to the top and bottom of the specimen along the
loading line. Relaxation crack growth tests were performed on an
electro-mechanical machine. Pre-cracked CT specimens were first
submitted to a constant loading rate (24 lm/min) and then to a
constant opening displacement. After a given duration, the speci-
men was unloaded, then cooled down to room temperature and fi-
nally broken by fatigue crack propagation. Crack propagation
during relaxation could then be measured on photographs of the
fracture surface. The load values on CT specimens were converted
into stress intensity factors using the ISO/DIS 12135 standard,
which takes the side grooves into account.

In the samples extracted from in-service component, the chem-
ical composition of the oxides filling the cracks was analysed on
polished sections using a Cameca SX 50 electron probe microana-
lyser. Wavelength dispersive spectrometry profiles were taken
across the cracks with a step size of 1 lm.

Broadening of X-ray diffraction peak of {3 1 1} planes due to the
deformation induced by welding was recorded using an ELPHYSE
Set-X type X-ray diffractometer with a manganese source operated
under 20 kV. The angular step of the 2h scans was set to 0.09� with
60 s per step and the spot diameter was set to 3 mm. Prior to X-ray
diffraction measurements, a surface layer of 275 lm in thickness
was removed by electrolytic polishing in order to get free from
machining-induced surface cold work. The peak width was evalu-
ated as the area under the peak divided by its height and by a cor-
rective factor of 1.5 that takes into account the fact that Ka1 and
Ka2 peaks were not resolved.

Thin foils for TEM examinations on a Philips EM 430 micro-
scope operated at 300 kV were cut at one quarter of the plate
thickness and prepared by mechanical thinning down to 0.1 mm,
followed by electrolytic thinning in a solution of 70% ethanol,
20% butoxyethanol and 10% perchloric acid, at 8 �C under 30 V.
Bright field imaging, dark field imaging and micro-diffraction
techniques were used to investigate dislocation microstructure
and carbide precipitates.

3. Characterisation of weld-affected zones and pre-strained
materials

3.1. Characterisation of weld-affected zones

3.1.1. As-received 316H weld-affected zone
This section describes the characterisation of the reheat cracked

weld-affected zone extracted after approximately 50,000 h at
500 �C. Intergranular cracks due to the coalescence of cavities
(nucleated around intergranular particles) were observed in the
weld-affected zone between 1 and 5 mm away from the fusion line.
Some of the cracks were filled with oxide whereas some were not
oxidized at all. A metallic filament enclosed by oxide was noticed
in the middle of approximately half the length of the oxidized
cracks. Electron probe microanalysis revealed that: (i) where no
metallic filament was present, the central part of the cracks was
occupied by iron oxide and the sides of the cracks by an iron-de-
pleted oxide rich in chromium and nickel; (ii) where the metallic
filament was present, it contained iron almost exclusively and
was enclosed by larger layers of iron-depleted oxide rich in
Si Cu S P Co B

0.31 0.29 0.001 0.025 0.09 0.004
0.52 – 0.01 0.02 0.05 0.003
0.44 <0.07 0.024 0.022 0.18 0.001
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Fig. 1. Vickers hardness map (30 kg) around reheat cracks near an as-received weld of 316H steel, indicated dimensions are in millimetres.
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Fig. 2. Vickers hardness under 30 kg near an uncracked as-received weld in 316H.

1.5 µm

Fig. 3. Dislocation microstructure of as-received weld-affected zone of 316H,
0.2 mm away from the fusion line (bright-field TEM imaging).
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chromium and nickel. The metallic iron filament could therefore re-
sult from the reduction of the iron oxide by the thermodynamically
more stable chromium-rich oxide, when the local oxygen partial
pressure decreased as a consequence of the crack being filled with
oxide. These observations are in agreement with results reported in
[8,19]. As cracks without oxide were also observed, oxidation was
not considered as a cause for reheat cracking to occur but rather
as a consequence of cracking. Relaxation crack propagation tests
performed in vacuum also confirmed this interpretation [20].

As reported by Bouchard et al. [18], Vickers hardness measure-
ments next to as-received 316H welds showed that cracks were lo-
cated in a zone where hardness was higher than 200 HV30 (Fig. 1).
As described in [20] for unaged 316L(N) welds, Fig. 2 indicates that
316H weld-affected zone is much harder than the base metal. Fig. 3
shows that the weld-affected zone contains a very high dislocation
density and more or less well-defined dislocation cells. Thin foils
extracted at 20 mm away from the weld showed a much lower dis-
location density and a more planar-like organisation similar to that
of the base metal microstructure (Fig. 4). Both hardness measure-
ments and microstructural observations are consistent with those
reported in [21]. Thermal cycles and mechanical constraints during
welding induce plastic strain in the weld-affected zone. Away from
the fusion line, the base metal is unaffected, as the thermal gradi-
ent is accommodated by elastic deformation only. Getting closer to
the fusion line, the more severe the thermal gradient experienced
during welding, the higher the amount of plastic strain and hard-
ness. Even closer, welding temperature peaks become high enough
(around 700 �C) to partially recover the dislocation microstructure;
consequently, hardness reaches a maximum and finally decreases
approaching the fusion line. More detailed analysis of thermal–
mechanical cycles in the weld-affected zone is reported in [22].
Both intergranular and intragranular M23C6 carbides nucleated at
dislocations were observed in the weld-affected zone as well as
in the base metal (Fig. 4). Sigma and Laves phases were also no-
ticed in ferrite stringers. These microstructural features are consis-
tent with ageing duration and precipitation kinetics as reported in
literature [23]. The increase in hardness in the weld-affected zone
could be partly due to these ‘‘strain-induced” intragranular car-
bides. However, the fact that unaged 316 weld-affected zones pres-
ent similar hardening (see next section and [20]) suggests that the



0.8 µm

Fig. 4. Dislocation microstructure of as-received 316H base metal (bright-field TEM
imaging).
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increase in dislocation density could be the major cause of harden-
ing in the investigated 316H welds.

3.1.2. Unaged 316L(N) weld-affected zone
In order to evaluate the influence of welding parameters on

residual strains in the weld-affected zone, two welds were realised
on grooved 30-mm-thick 316L(N) plates using an automatic tung-
sten inert gas (TIG) technique. One groove was filled using two
passes and another one using four passes. Welding passes did
not overlap over the full length of the weld, so that polished
cross-sections could be taken after each pass. The weld torch travel
rate was 40 mm/min and the heat input energy was 2 kJ/mm for
each pass. The Vickers hardness under 10 kg was measured with
a step size of 2 mm on polished cross-sections after each welding
pass. The geometry of the welds is indicated together with hard-
ness maps in Figs. 5 and 6. Concerning the weld performed in
two passes (Fig. 5), the hardness in the weld-affected zone was
higher after the second pass than after the first one. Concerning
the weld performed in four passes, the hardness in the weld-
affected zone was even higher (Fig. 6). These results reveal the
cumulative increase in plastic strain and hardness due to welding
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Fig. 5. Vickers hardness under 10 kg of 316L(N) unaged TIG weld performed in two passe
indicated at the bottom left corner.
passes. The increase in the X-ray peak width with the number of
passes (Fig. 7) also confirmed this effect. Other authors [24–26]
determined the amount of strain in an AISI 316 weld-affected zone
using electron backscatter diffraction. They also found consider-
able increase in residual strain (up to 20%) over the first 5 mm from
the fusion line.

3.2. Characterisation of pre-strained materials

As shown in the previous section, the typical size of the weld-
affected zone does not allow extraction of specimens for conven-
tional mechanical testing. Thus, it was decided to modify the base
metal microstructure to simulate the weld-affected zone on much
larger volumes. In order to reproduce the microstructure of the
hardest part of unaged weld-affected zones, annealed plates of
base metal materials (see Section 1) were pre-strained by warm
rolling between 400 �C and 600 �C. Using following thickness
reduction ratios 15 ± 0.4% for 316L(N) and 316H and 17.5 ± 0.4%
for 316L, similar hardness (�230 HV30) was obtained for all three
pre-strained steels (Table 2). As subsequent mechanical testing
(see Section 4) was performed at 600 �C, characterisation was also
performed on pre-strained, then aged materials. Table 2 indicates
that pre-strain hardening can be partially reduced by thermal age-
ing: slightly for 316H and 316L(N) and more significantly for 316L.

The dislocation microstructure of unaged but pre-strained 316H
samples is presented in Fig. 8. High dislocation density and cell
organisation similar to those of the actual weld-affected zone
(Fig. 3) are noticeable. No carbide was observed, which indicates
that annealing performed before pre-strain completely dissolved
carbides precipitated during ageing and that pre-straining between
400 �C and 600 �C was quick enough not to precipitate carbides.
Good agreement between the microstructure of 316L(N) unaged
weld-affected zone and the microstructure of 316L(N) pre-strained
samples was reported earlier [20]. TEM examination of a sample of
316H steel pre-strained, then aged for 200 h at 600 �C revealed
intergranular and intragranular carbides (nucleated at disloca-
tions), whereas only intergranular carbides could be detected in a
sample of 316L(N) steel that was pre-strained, then aged for
500 h at 600 �C. This result is consistent with literature data
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Fig. 6. Vickers hardness under 10 kg of 316L(N) unaged TIG welds performed in four passes, (a) after the second pass and (b) after the fourth pass, same scale as Fig. 5. Weld
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Table 2
Mean Vickers hardness under 30 kg of the three studied steels in as-received,
annealed and pre-strained (unaged or aged) states.

316L(N) 316H 316L

As-received 149 149 132
Annealed 135 131 132
Pre-strained 227 232 230
Pre-strained then aged for 2 h at 600 �C 227 221 211
Pre-strained then aged for 24 h at 600 �C 222 219 198
Pre-strained then aged for 2 h at 700 �C 208 201 183
Pre-strained then aged for 24 h at 700 �C 207 201 180

0.8 µm

Fig. 8. Dislocation microstructure of pre-strained 316H (bright-field TEM imaging).
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indicating a strong effect of carbon content on the carbide precip-
itation kinetics [27].
4. Mechanical tests

4.1. Deformation of smooth specimens

4.1.1. Tensile tests
Results of uniaxial tensile tests at 600 �C are reported in Table 3.

Results on the three steels are not significantly different. As re-
ported in [20] for 316L(N), pre-straining drastically increased the
yield strength of 316H stainless steel and decreased its residual
strain hardening capacity. Both annealed and pre-strained stainless
steels exhibited dynamic strain-ageing (DSA) for strain rates be-
tween 10�4 and 10�3 s�1, whereas no significant strain rate sensi-
tivity could be detected. These results are in accordance with
literature data concerning DSA of 316 type stainless steels
[28,29] and suggest that solute drag is the major solute–dislocation
interaction mechanism for strain rates lower than 10�4 s�1 at
600 �C. Hardness measurements (Table 2) as well as comparison
between two tensile tests performed on pre-strained 316L – the
first one started immediately after reaching 600 �C, the second
one started after additional soaking for 2 h at 600 �C – confirmed
that recovery is ongoing for this steel at this temperature.



Table 3
Results of tensile tests performed at 600 �C on smooth specimens of the three studied steels in annealed and pre-strained states.

Material State Strain rate (s�1) Uniform elongation (%) 0.2% Yield stress (MPa) Tensile strength (MPa)

316L(N) Annealed 1 � 10�3 36 118 406
316L(N) Annealed 1 � 10�4 34 122 394
316L(N) Annealed 5 � 10�5 27 105 357
316L(N) Pre-strained 5 � 10�4 6 418 466
316L(N) Pre-strained 1 � 10�5 2 378 444
316H Annealed 1 � 10�3 37 134 393
316H Annealed 1 � 10�4 37 134 386
316H Annealed 3 � 10�5 26 128 369
316H Pre-strained 1 � 10�4 5 398 432
316H Pre-strained 1 � 10�3 8 388 448
316H Pre-strained 3 � 10�5 5 361 438
316L Pre-strained 5 � 10�4 9 373 442
316L Pre-strained then aged 2 h at 600 �C 5 � 10�4 7 346 416
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4.1.2. Creep tests
As described in [20] for 316L(N), creep tests on 316H and 316L

revealed marked differences between annealed and pre-strained
materials. Plastic deformation during loading occurred only for
the annealed material (plastic loading strains between 6.5% and
12% and between 2.5% and 8% were recorded for 316H and 316L,
respectively) because of the difference in yield stress between an-
nealed and pre-strained materials. However, the amount of strain
applied during creep loading of annealed materials remains much
smaller than that applied during warm rolling of pre-strained
materials. The amount of primary creep strain was also reduced
by pre-strain: it was found higher than 1.5% for annealed materials,
whereas it remained lower than 0.5% for pre-strained materials. As
illustrated in Fig. 9, pre-strain caused a decrease in the minimum
creep rate by two orders of magnitude for the three studied steels.
Such a significant effect of pre-strain on the creep strain rate was
already observed for cold worked type 316L(N) at 675 �C [30]
and type 316H at 575 �C [31] and 600 �C [32]. As similar pre-strain
hardening was obtained for the three studied steels regardless
their differences in intragranular precipitation state, the increase
in dislocation density should therefore be the major cause of pre-
strain hardening. Ajaja and Ardell [33] correlated the creep rate
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at 677 �C with the dislocation density as a function of cold-work le-
vel of a type 304 stainless steel and proposed the same interpreta-
tion. Fig. 9 also indicates that annealed 316L showed significantly
lower creep resistance than annealed 316L(N), which illustrates
the well-known hardening role of the nitrogen solute content.
Comparison between creep properties of annealed type 316L(N)
and type 316H steels at 600 �C has already been done by Mathew
et al. [34]. They found type 316L(N) to be slightly more creep resis-
tant, in particular for long-term creep tests. A similar tendency was
noticed in the present study for longer-term tests, whereas 316H
appeared slightly more creep resistant for shorter-term tests. As
intragranular carbides only precipitate in 316H, these results sug-
gest that strengthening by intragranular carbide precipitation did
not compensate the loss of solute carbon strengthening associated
to this precipitation during longer-term tests. Fig. 9 also shows that
pre-straining did not modify the effect of carbon and nitrogen con-
tent on the creep rate: (i) pre-strained 316L was found to be signi-
ficantly less creep resistant than pre-strained 316H and 316L(N)
and (ii) 316H was slightly less creep resistant than 316L(N) con-
cerning long-term creep tests.
4.2. Fracture of smooth specimens

Average and minimum values of fracture elongation and reduc-
tion of area of smooth specimens used for tensile and creep tests
are displayed in Table 4. Regarding tensile tests, no significant
difference between the three studied steels was observed. Pre-
strain caused a significant decrease in fracture elongation, but
the reduction in area (and thus, the intrinsic ductility of the
material at high strain rates) remained high. Regarding creep tests,
measurements on 316L(N) and 316L yielded similar values but
316H was found significantly less ductile. Creep fracture elonga-
tion as low as 0.9% was measured (see Table 4) for pre-strained
316H. Pre-strain also caused a drop of both fracture elongation
and reduction of area of crept specimens. Moreover, a significant
decrease in ductility with decreasing the strain rate (from tensile
tests to creep tests) was observed for both annealed and pre-
strained materials. These results will be discussed in Section 6 in
relation to the fracture surface analysis.

Table 4 also presents the Monkman–Grant product (minimum
creep strain rate multiplied by creep lifetime [35]). As expected,
this product was fairly constant for a given material in a given met-
allurgical state. However, pre-strain decreased it by almost a factor
of 10. For a given creep stress, pre-straining increased time to frac-
ture but not as much as it decreased the minimum creep strain rate
because of a loss in ductility. Pre-strain was also found to decrease
the amount of strain at the onset of tertiary creep stage (lower than
1% for pre-strained materials). Similar results were found by
Wilshire and Willis on cold worked 316H [31].



Table 4
Minimum and mean fracture elongation and reduction in area for tensile and creep tests performed at 600 �C on smooth specimens of the three studied steels in annealed and
pre-strained states, the Monkman–Grant product is defined as the minimum creep rate (%/h) multiplied by the time to fracture (h).

Tensile tests Creep tests

Fracture elongation (%) Reduction in area (%) Fracture elongation (%) Reduction in area (%) Monkman–Grant product (%)

Min. values Mean values Mean values Min. values Mean values Mean values Mean values

316L(N), annealed 49 52 56 23 34 48 10.1
316L(N), pre-strained 22 25 62 6 10 30 1.6
316H, annealed 33 49 56 13 18 23 4.4
316H, pre-strained 21 22 47 0.9 3 13 0.6
316L, annealed Not determined Not determined 37 41 49 10.2
316L, pre-strained 20 24 56 8 9 25 1.8
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Relaxation of residual stresses in the vicinity of welds only re-
quires a small amount of creep strain (�0.2%). Even pre-strained
316H – the most brittle stainless steel studied here – should there-
fore sustain this strain without cracking. However, creep ductility
is known to decrease drastically when stress triaxiality increases
[11–17]. In order to assess the reheat-cracking sensitivity of the
studied materials with more realistic mechanical loading condi-
tions, dedicated mechanical tests with high local stress triaxiality
were therefore carried out. The results are described in the next
section.
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Fig. 10. Crack propagation length during relaxation for 600 h at 600 �C on pre-
strained 316H pre-cracked CT specimens versus the stress intensity factor, which is
calculated both at the beginning and at the end of the test.
4.3. Relaxation tests on CT specimens

Initial load levels on pre-cracked CT specimens were chosen be-
tween the elasticity limit load of annealed materials and the one of
pre-strained materials, so that load-opening curves were always
linear for pre-strained materials but not for annealed ones. The ex-
tent of crack propagation, which occurred during these relaxation
tests is given in Table 5. As expected, pre-strain clearly enhances
sensitivity to cracking in these conditions. Tests on annealed mate-
rials did not lead to crack propagation over more than 0.5 mm,
whereas several millimetre long cracks were observed on pre-
strained materials. Table 5 also reveals that pre-strained 316L
was the most sensitive to relaxation cracking: in this material, with
Kinitial = 42 MPa

p
m, a 9.8-mm-long crack was observed after 200 h

at 600 �C, but only a 7.3-mm-long crack in pre-strained 316H and a
2.4-mm-long crack in pre-strained 316L(N) after 600 h. Fig. 10
indicates that, for a given test duration, the extent of crack propa-
gation decreased with decreasing Kinitial. However, no threshold
stress intensity factor was clearly identified, even low values of
the initial stress intensity factor led to crack propagation. A few
relaxation tests on CT specimens after pre-straining and a short
ageing for 2 h at 700 �C have also been performed (Table 5). As ex-
pected, ageing after pre-straining reduced the extent of crack prop-
agation – particularly concerning 316L, which is consistent with
Table 5
Results of relaxation tests at 600 �C on pre-cracked CT specimens.

Material State a0/W Initial stress intensity
factor (MPa

p
m)

316L(N) Annealed 0.499 25
316L(N) Annealed 0.501 31
316L(N) Pre-strained 0.494 41
316L(N) Pre-strained 0.493 30
316L(N) Pre-strained then aged 2 h at 700 �C 0.503 42
316H Annealed 0.503 31
316H Pre-strained 0.494 41
316H Pre-strained 0.490 30
316H Pre-strained 0.496 20
316H Pre-strained 0.491 15
316L Pre-strained 0.500 42
316L Pre-strained then aged 2 h at 700 �C 0.498 42
the decrease in hardness measured after ageing (Table 2). How-
ever, this ageing effect was not sufficient to avoid relaxation crack
propagation.
5. Fracture surface observations

Observation by SEM of the fracture surfaces of smooth speci-
mens revealed a similar damage mechanism for 316L(N), 316H
and 316L in annealed and pre-strained states. Nevertheless, a
marked difference in damage and fracture mechanisms occurring
Final stress intensity
factor (MPa

p
m)

Opening (lm) Test
duration (h)

Crack propagation
length (mm)

15 248 1004 0.0
18 578 1006 0.0
22 214 619 2.4
18 136 608 1.5
30 231 652 1.8
23 803 652 0.5
27 200 571 7.3
21 114 577 6.5
18 116 598 3.0

9 68 597 1.0
28 291 206 9.8
35 201 205 2.8
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Fig. 11. Fracture surfaces of annealed and pre-strained 316H smooth specimens after tensile testing at 600 �C (secondary electron SEM images).
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during tensile tests and creep tests was noticed. On the one hand,
SEM pictures of fracture surfaces of tensile tested specimens re-
vealed dimples nucleated at inclusions and ferrite stringers
(Fig. 11). Polished longitudinal sections observed with an optical
microscope confirmed that the damage mode was transgranular
ductile cavity nucleation, growth and coalescence initiating at
the centre of the specimens and finally transgranular ductile shear
of the remaining annular ligament (‘‘cup and cone” fracture). On
the other hand, the fracture surfaces of creep tested specimens
were partially intergranular (Fig. 12) and partially transgranular.
Observation of polished longitudinal cross-sections of un-fractured
specimens proved that intergranular damage developed progres-
sively during creep by nucleation, growth and linkage of intergran-
ular cavities (similarly to reheat-cracking damage), whereas
transgranular ductile damage only developed at the very end of
the test. This well-known transition in damage mode with the
strain rate is due to the competition between (visco)plastic flow,
which drives ductile damage, and grain boundary diffusion, which
plays a role in intergranular damage development [36,37]. The
drop of ductility from tensile to creep tests observed for the three
studied steels (see Section 4.2) is obviously linked to this transition
in damage mode.

For a given strain rate, no qualitative difference in damage and
fracture mode was found between annealed and pre-strained spec-
80 µm

(a) Pre-strained 316H

Fig. 12. Fracture surface after creep testing at 600 �C of annealed and pre
imens (Figs. 11 and 12), although pre-strain did reduce fracture
elongation (Table 4). In the upper range of strain rate (i.e., for ten-
sile tests), reduction of both uniform elongation and fracture elon-
gation by pre-strain surely resulted from the reduction of residual
work hardening capacity, which enhanced plastic instability and
strain localisation before fracture. In the lower strain rate range
(i.e., for creep tests), the reduction of fracture elongation most
probably resulted from the enhancement of intergranular damage
by pre-strain, as already described in [20] for 316L(N), which will
be discussed in Section 6.

Although creep testing revealed that 316H was more brittle
than 316L(N) and 316L, both in annealed and pre-strained states
(Table 4), no difference in damage mode between the three steels
was noticed from fracture surface observations. The relative brit-
tleness of the 316H steel could be due to its higher grain size
(150 lm) because creep ductility is known to decrease when the
grain size increases in the range 25–400 lm [38]. It could also re-
sult from different intergranular carbide morphology or different
intergranular impurity segregation (such as sulphur or boron for
example) – two parameters also known to affect creep ductility
[39–42].

Crack propagation during relaxation tests of pre-cracked
CT specimens was always fully intergranular (Fig. 13a). Where
the oxide layer was not too thick on the fracture surfaces,
80 µm

(b) Annealed 316H

-strained 316H smooth specimens (secondary electron SEM images).
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Fig. 13. Fracture surfaces after relaxation at 600 �C of pre-strained 316H pre-cracked CT specimens (secondary electron SEM images), (a) relatively low magnification image
of intergranular facets, (b) higher magnification image showing micro-dimples on an intergranular facet.
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micro-dimples around carbides were noticed on intergranular fac-
ets (Fig. 13b). The fracture mechanism was therefore similar to that
observed for actual (in-service) reheat cracks.

6. Discussion

6.1. Effect of solute atoms on creep and reheat cracking

One of the goals of the present study was to evaluate the effect
of carbon and nitrogen content of type 316 austenitic stainless
steels on creep and reheat cracking behaviour. The difference in
creep flow and kinetics of dislocation recovery after pre-strain of
316L to those of 316L(N) and 316H evidences the strong strength-
ening role of solute carbon and nitrogen at 600 �C. On the other
hand, creep and hardness results for 316L(N) and 316H steels indi-
cated that strain-induced carbide precipitation – which only oc-
curred in 316H in the studied conditions – was slightly less
efficient than solute atom strengthening.

Regarding the effect of carbon and nitrogen on reheat cracking,
two different mechanisms were proposed in the literature for sta-
bilised stainless steels. The first one [1–4] relies on strain-induced
precipitation hardening, the second one on solute–dislocation
hardening.

Transposition of the first mechanism to the unstabilised 316
stainless steels leads to the assumption that 316L(N) and 316L
should not be sensitive to reheat cracking. However, relaxation
tests on CT specimens revealed crack propagation for both of these
steels in the pre-strained state. Consequently, in accordance with
Chabaud-Reytier et al. who worked on a stabilised stainless steel
[10], the present study showed that strain-induced precipitation
is not a key parameter for reheat cracking of type 316 stainless
steels.

Transposition of the second mechanism to unstabilised 316
stainless steels leads to the assumption that a low solute atom con-
tent (such as in 316L) should be beneficial to reheat cracking resis-
tance. Surprisingly, present results showed that 316L was more
sensitive to relaxation crack propagation than 316H and 316L(N).
Consequently, carbon and nitrogen content seems to play a minor
role in reheat cracking of type 316 stainless steels. On the contrary,
in accordance with the work of Chabaud-Reytier et al. on stabilised
stainless steel [10], present results enlighten the major importance
of pre-strain and stress triaxiality in the sensitivity to reheat
cracking.

Although no industrial occurrence of reheat cracking in type
316L stainless steel has been reported so far, a low solute content
should not be considered as sufficient to avoid reheat cracking of
austenitic stainless steels. Nevertheless, as a low solute content in-
creases the recovery kinetics of the dislocation network introduced
by pre-strain, post-weld heat treatments avoiding the reheat
cracking risk should be easier to define on 316L than on 316H
and 316L(N). Tests on CT specimens pre-strained and then aged
for 2 h at 700 �C were performed following this idea. Unfortu-
nately, this ageing treatment was not sufficient to avoid relaxation
crack propagation.

6.2. Effect of pre-strain on creep and reheat cracking

Whatever the solute content, pre-straining was found to signi-
ficantly decrease creep ductility for a given strain rate. Fracture
surface observations revealed that this effect was not due to a
change in damage mechanism but to an enhancement of intergran-
ular damage development. Reduced creep ductility due to pre-
strain combined with high stress triaxiality was found to cause
relaxation cracking in CT specimens. In the present section, an at-
tempt is made to give insight into the mechanism by which pre-
strain influences creep ductility.

In the present study, intergranular damage development oc-
curred by nucleation and growth of intergranular cavities. Several
cavity growth mechanisms have been described in literature (see
reviews by Kassner and Riedel [36,37]). However, for a given value
of strain rate and stress triaxiality, growth rate formulae proposed
in literature are not sensitive to pre-strain. Concerning cavity
nucleation, literature models [36,37] underline that it requires
high local stress, which is consistent with the fact that intergranu-
lar cavities are frequently observed at triple junctions, around
intergranular particles and at boundaries oriented perpendicular
to the direction of maximum principal stress. Although the global
(macroscopic) strain does not appear as a parameter per se in phys-
ical modelling of intergranular cavity nucleation, numerous studies
reported continuous nucleation of intergranular cavities with
increasing creep strain [43,44]. Consequently, enhancement of
creep damage by pre-strain seems to be linked to cavity nucleation
rather than to cavity growth.

From the present authors’ point of view, the heterogeneous nat-
ure of plastic deformation in polycrystals leads to high local stres-
ses at grain boundaries, which increases the cavity nucleation rate.
Indeed, due to different crystallographic orientations, neighbour-
ing grains experience different strain levels, which cause deforma-
tion incompatibilities and intergranular over-stresses. Diard et al.
[45] for example, using finite element computations of 3D multi-
crystalline aggregates, showed that the magnitude of these over-
stresses increases with average strain. Moreover, intragranular
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Fig. 14. Back-scattered electron SEM image of a flat specimen of annealed 316L(N),
which was polished, then 4% strained in tension at 600 �C in vacuum.
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strain localisation into slip bands should lead to even higher local
stress concentrations. Fig. 14 illustrates such slip bands, which
developed at the surface of an annealed 316L(N) flat specimen dur-
ing plastic tensile strain of approximately 4% at 600 �C in vacuum.
Skelton et al. [12] reported similar slip bands and grain boundary
steps developed during mock-up welding thermo-mechanical cy-
cles. The lower the stacking fault energy, the more planar the dis-
location distribution and the higher the local stress concentration.
Consequently, low stacking fault energy f.c.c. alloys are expected to
be more sensitive to pre-strain induced over-stresses than high
stacking fault energy f.c.c. alloys.

The pre-strain effect responsible for the reheat-cracking sensi-
tivity of austenitic stainless steels could therefore have the same
origin as the pre-strain effect on Nimonic 80 nickel base alloy de-
scribed by Dyson et al. [46–48]. This mechanism is also consistent
with the occurrence of reheat cracking on un-welded, but cold-
worked components [8]. In such a mechanism, the solute content
does not play a significant role, which is consistent with the fact
that all three studied stainless steels presented an effect of pre-
strain on creep ductility and relaxation cracking sensitivity in the
pre-strained state.
6.3. Reheat cracking risk assessment

Following Dhooge’s review on reheat cracking [8], key parame-
ters for reheat cracking are thickness, notches and weld defects,
grain size, hardness and strain-induced precipitation. Thickness,
notches and weld defects are deleterious because ductility sharply
decreases as stress triaxiality increases [11–17]. Following the re-
sults of the present study, thickness has an additional effect: weld-
ing thick components requires numerous welding passes which
leads to a high level of pre-strain in the weld-affected zone, which
impairs ductility. A coarse grain size is also deleterious because it
decreases creep ductility [38]. Hardness, from the present authors’
point of view, is a convenient indicator of the level of pre-strain or
of the extent of dislocation network recovery of unstabilised
austenitic stainless steels, but is not a reliable way to assess the re-
heat cracking susceptibility: For example, after pre-straining and
ageing for 2 h at 700 �C, 316L was much softer than the 316L(N),
(180 HV and 210 HV respectively) but tests on CT specimens
proved it was still more sensitive to relaxation cracking than the
316L(N) steel.

In order to assess the reheat cracking risk or to help designing
safe post-weld heat treatments of 316H stainless steel, several
authors [49,50] estimated residual stresses by thermal–mechanical
finite element calculations and used Spindler’s multi-axial damage
model [13,14] to quantify intergranular crack development during
stress relaxation. This method has proved its efficiency (see [16,17]
for example). However, the present study illustrated the significant
effect of welding-induced pre-strain on both creep flow and creep
ductility, which are not explicitly taken into account in such a
method. On the other hand, constitutive equations and intergran-
ular damage model developed in [11] for 316L(N) take these effects
into account but have not been validated yet on real reheat cracked
welds.

7. Conclusions

Multi-pass welding-induced pre-strain which considerably in-
creased the hardness and decreased the creep rate at 600 �C of type
316 stainless steels by increasing the dislocation density, indepen-
dently from the carbon and nitrogen contents.

The low ductility of the weld-affected zone leading to reheat
cracking of 316 stainless steels is due to the combined effect of
both welding-induced pre-strain and stress triaxiality. High solute
content and strain-induced carbide precipitation, which are
thought to increase the reheat cracking risk of stabilised austenitic
stainless steels, did not appear as key parameters in reheat crack-
ing of 316 stainless steels. Consequently, although no industrial
occurrence of reheat cracking in type 316L stainless steel has been
reported so far, 316L should not be a priori considered as immune.

The deleterious effect of pre-strain on creep ductility is not due
to a change in damage mechanism but to an enhancement of inter-
granular damage development. The intergranular creep cavity
nucleation rate could be increased by high intergranular stresses,
generated by the heterogeneous nature of plastic deformation in
pre-strained f.c.c. polycrystals with relatively low stacking fault
energy.
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